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A B S T R A C T

A low-nitrogen 10% Cr martensitic steel containing 3% Co and 0.008% B was shown to exhibit an extremely long
creep rupture time of ∼4·104 h under an applied stress of 120 MPa at 650 °C. The creep behavior and evolution
of lath martensite structure and precipitates during creep at these conditions were studied. The main feature of
the microstructure under long-term creep is retention of the lath structure until rupture. The following micro-
structural factors affecting the superior creep resistance were analyzed: (1) alloying by (W+Mo) elements; (2)
particles of M23C6 and Laves phases; (3) homogeneously distributed M(C,N) carbonitrides. It was revealed that
nanoscale M23C6 carbides and M(C,N) carbonitrides compensated the negative effects of W depletion from the
solid solution and extensive coarsening of the Laves phase particles. M23C6 carbides demonstrate a high coar-
sening resistance under creep conditions and exert a high Zener drag pressure before rupture because of the
coherency of their interfaces. The strain-induced transformation of a portion of the precipitated V-rich M(C,N)
carbonitrides to the Z-phase does not affect the creep strength because the Z-phase particles are nanoscale and
negligible in quantity.

1. Introduction

Creep-resistant martensitic steels with 9–11% Cr are favorable ma-
terials for the turbine components of fossil-fuel power plants [1,2].
Their alloying design and heat treatment aim to provide stability to the
tempered martensite lath structure (TMLS), which comprises prior
austenite grains (PAGs), packets, blocks, and laths with a high dis-
location density in the lath interiors under creep conditions [1–3]. The
dispersion strengthening in high-chromium steels is provided, mainly,
by nanoscale boundary M23C6 carbides and homogeneously distributed
in the lath interiors fine M(C,N)-type particles (where M is Nb and V).

The TMLS is the main factor in the superior creep strength of these
steels during long-term creep [3–12]. Instability of TMLS under creep
reduces the creep strength and yields to the creep strength breakdown.
The long-term rupture time suddenly drops with increasing rupture
time, thereby diminishing the creep strength at high rupture times
[7–12]. However, the origin and nature of creep strength breakdown
has not yet been elucidated [6–9,11].

Two processes promote the onset of creep strength breakdown: a
knitting reaction and subgrain coarsening. The knitting reaction occurs
between the gliding dislocations and lath boundaries; this leads to
transformation of the lath dislocation boundaries, which are irregular
dislocation networks that exert long-range stress fields, to sub-bound-
aries, thereby relieving the internal stress fields [4,10–13]. The knitting
reaction annihilates the lattice dislocations and dislocations that

comprise the interlath boundaries [4,10–13]. This process requires
dislocation climb and is the kinetic process that is responsible for
transient creep in high-Cr steels [4]. It is worth noting that a slip on the
{110}α plane with two possible< 111> α slip directions intrinsically
proceeds parallel to the lath boundaries [14,15]. The dislocation glide
along the laths occurs very slowly because the gliding dislocations are
connected to the lath boundaries, which act as effective pinning agents
[13,14]. In addition, the boundary M23C6 carbides/Laves phase parti-
cles and M(C,N) carbonitrides that are homogeneously distributed
within the lath interiors [1,2,10–12] effectively pin the gliding dis-
locations, providing significant dispersion hardening [13,14]. Only a
minor portion of the lattice dislocations can glide across a lath; there-
fore, lath boundaries act as dislocation sources. The dislocations gen-
erated by the lath boundaries glide inside the lath until they encounter
another lath boundary [13,14]. Only the M(C,N) carbonitrides pin such
gliding dislocations [13]. The transformation of V-rich M(C,N) carbo-
nitrides to coarse Z-phase particles (CrVN), which is the form of the
nitride in thermodynamic equilibrium, is proposed to cause creep
strength breakdown [16–18]. Substitutional atoms such as W, Mo, and
Co also hinder the knitting reaction and provide solid solution hard-
ening [1,19,20]. In addition, these solutes impede diffusion, thereby
slowing the rearrangement of lattice dislocations by climb, which also
hinders the knitting reaction [11,13,14,19,21].

The second process, subgrain coarsening, significantly decreases the
lattice dislocation density [3,4,7,8,11,19–25]; this is attributed to a
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decrease in the pinning pressures that originate from boundary M23C6

carbides due to strain-induced coarsening of these particles; this mainly
occurs below the critical interval of 0.08–0.12 MPa [11,12,19,21–24].
Thus, the alloying philosophy for increasing the creep strength of
9–11% Cr steel includes the formation of dispersions of secondary phase
particles, which suppress or hinder the knitting reaction by pinning the
lattice dislocations, and transformation of the TMLS to a subgrain
structure by exerting a high Zener drag force [10–13,19–26].

This approach was used to develop a new generation of 9–10% Cr
steels that do not exhibit creep strength breakdown up to an extremely
long rupture time of ∼4·104 h owing to high B and low N contents
[12,27–32]. The high B content separates the dispersion of boundary
M23C6 carbides into two phases: B-free M23C6 carbides and M23(B·C)6
[33,34]. The M23(B·C)6 phase is much more resistant to coarsening than
the B-free M23C6 carbides because of the decreased energy of the
Feα(110)||M23(B·C)6(111) interfaces [12,32,33,35], in accordance with
the well-known Gibbs–Thomson scheme [36]. In addition, the lower N
content prevents the formation of BN and significantly reduces the
volume fraction of V- and N-rich M(C,N) particles, which may trans-
form into coarse Z-phase particles [1,12,34,37,38]. It is known that the
separation of M(C,N) carbonitrides into two phases comprising Nb-rich
carbonitrides enriched with C and V-rich particles enriched with N in-
creases the resistance of these dispersoids to coarsening and is re-
sponsible for the superior creep resistance of 9–11% Cr steels
[1,2,11,19,22–24,39]. The low-volume fraction of V-rich carbonitrides
precipitates during tempering in 9–10% Cr steels with low N contents
[34,37,38]. However, the role of V in the precipitation behavior is yet
to be elucidated [12].

It has been reported that the TMLS of a 10% Cr steel with 3% Co,
0.008% B, and 0.003% N remains very stable under short-term creep;
this was attributed to the low susceptibility of boundary M23C6 carbides
to coarsening [12]. Although the applied stress was sufficiently high
(140 MPa), the knitting reaction under transient creep was very slow
and the pinning pressure imparted by the M23C6 carbides was sufficient
to suppress the replacement of TMLS with a subgrain structure. How-
ever, the role of microstructural changes in the long-term creep beha-
vior and superior creep resistance without creep strength breakdown up
to an extremely long rupture time for these 10%Cr steels has not been
investigated in sufficient detail. The aim of the present work is to elu-
cidate the origin of the elimination of creep strength breakdown up to
4·104 h at 650 °C under long-term creep with an applied stress of
120 MPa in this steel. Specific attention will be paid to the effect of the
dispersion of the secondary phases on the stability of TMLS.

2. Experimental procedure

A 10% Cr steel with the following chemical composition (in mass%)
of 0.1% C; 0.06% Si; 0.1% Mn; 10.0% Cr; 0.17% Ni; 0.7% Mo; 0.05%
Nb; 0.2% V; 0.003% N; 0.008% B; 2.0% W; 3.0% Co; 0.002% Ti;
0.006% Cu; 0.01% Al and Fe balance was solution treated at 1060 °C for
0.5 h, cooled in air, and subsequently tempered at 770 °C for 3 h. Other
details for material preparation were reported previously

[12,29,34,37]. Flat specimens with a gauge length of 25 mm and cross-
sectional dimensions of 7 mm × 3 mm were crept to various strains by
interrupting creep and until rupture at an applied stress of 120 MPa and
a temperature of 650 °C.

The evolution of microstructure and the dispersion of secondary
phase particles were examined under conditions of long-term aging in
grip sections and creep in gauge lengths. Structural characterization
was performed using a Jeol JEM-2100 transmission electron micro-
scope (TEM) with an INCA energy dispersive X-ray spectrometer and
using the Z-contrast technique with a Quanta 600FEG scanning electron
microscope (SEM) equipped with an electron backscatter diffraction
(EBSD) pattern analyzer incorporating an orientation imaging micro-
scopy (OIM) system. Low and high angle boundaries (LABs and HABs)
were defined to have a misorientation of 2°< θ≤15° and>15° and
depicted in misorientation maps using white and black lines, respec-
tively. In order to evaluate the distribution of strain or the stored energy
in TMLS the Kernel average misorientation (KAM) values were calcu-
lated [15,40]. The KAM value for each pixel is defined as the average
misorientation that a pixel has with six neighbors [39]. The transverse
lath/subgrain sizes were measured on the TEM micrographs by the
linear intercept method, counting all the clear visible (sub)boundaries
[11–13,19,21–23]. The dislocation densities were estimated by
counting the individual dislocations in the (sub)grain/lath interiors per
unit area on at least six arbitrarily selected typical TEM images for each
data point [11–13,19,21–23,35]. The density of particles located at
(sub)grain/interlath boundaries was determined as the number of
particles per unit boundary length [11,12,19]. Identification of the
precipitates in TEM investigations was performed based on a combi-
nation of EDS composition measurements of the metallic elements and
indexing of electron diffraction patterns [11,12,35,38,39]. Dimensions
of secondary phase particles were calculated using replica technique
described in previous works [11,12,19,21–23,35,38,39] in full details.

The equilibrium volume and mole fractions of phases and their
chemical compositions were calculated by the version 5 of the Thermo-
Calc software using the TCFE7 database by entering the BCC A2, FCC
A1, M23C6 and LAVES PHASE C14 as equilibrium phases for the actual
steel composition [11,38,39]. To estimate the coarsening of the M23C6

and Laves phase particles the calculation was performed by the TC-
Prisma software using the kinetic MOBFE1 and thermodynamic TCFE6
databases [21] for the composition of (in mass%): 0.1% C; 10% Cr;
3.1% Co; 0.7%; Mo; 2.0% W and Fe balance.

3. Results

3.1. Tempered martensite lath structure

The microstructure and distribution of secondary-phase particles in
the 10% Cr steel after heat treatment were described in previous works
[12,29,34,37,41] in details and summarized in Table 1. The meso-scale
strain distribution indicated by the KAM map (Fig. 1(a)) [15] is non-
uniform. Highly misoriented areas of fine laths alternate with low-
misoriented coarse laths within packets. Almost no LABs with a

Table 1
Evolution of structural parameters of the 10% Cr steel during creep testing at 650 °C under a stress of 120 MPa.

Structural parameters Initial state Gauge / grip Gauge / grip Gauge / grip Creep ruptured gauge / grip

Time, h 0 1000 10000 28286 39437
Lath width, nm 380 423 / 409 552 / 507 695 / 566 861 / 614
Dislocation density, ×1014 m−2 1.7 0.75 / 1.23 0.51 / 1.06 0.43 /0.61 0.20 / 0.43
Mean size of particles, nm M23C6 70 73.9 / 72 84.6 / 81.9 115.2 / 83.6 120.4 / 96

Laves phase — 147.1 / 145.6 221.9 / 197.6 334.2 / 298.81 373.7 / 319
Nb-rich MX 30 35.7 / 35 36.3 / 31.3 37.6 / 31.6 38.5 / 35
V-rich MX 40 — / — 60.7 / 26.5 65.6 / 40 67.09 / 58
M6C 25 — / — — / — — / — — / —
Z-phase — — / — — / — — / — 120 / —
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misorientation>2° were observed within the coarse laths, which
comprise ∼35% of the laths. Therefore, the strain is predominantly
localized in blocks, whereas coarse laths are almost strain-free [42]. It is
worth noting that the density of geometrically necessary dislocations is
associated with the KAM value [43]. Both structural components have
similar lattice dislocation densities, as calculated by TEM [12,37].

The precipitation structure consists of M23C6 carbides with an
average size of about 70 nm located at HABs of PAGs, packets, and
blocks and LABs of laths nearly in the equal proportion (Fig. 1(b)). Nb-
enriched M(C,N) carbonitrides with sizes of 30 nm are uniformly dis-
tributed within the martensite laths. It should be noted that V-rich M
(C,N) particles are rarely observed in tempered 10% Cr steel and
comprise approximately 1% of all particles of all types of replicas
analyzed by TEM (only 5 particles were identified as V-rich carboni-
trides among ∼500 analyzed particles). Scarce, fine W-rich M6C car-
bides with an average dimension of 25 nm were found whereas no
Laves phase precipitates were observed.

3.2. Creep behavior

The rupture time of 10% Cr steel is linearly dependent on the ap-
plied stress (Fig. 2(a)). In contrast to P92 steel, creep strength break-
down was not observed up to a rupture time of 39437 h. The ε ̇ vs. t and
ε ̇ vs. ε curves at 120 MPa are shown in Fig. 2(b) and (c), respectively.
The transient creep strain, εT, the duration of apparent steady-state
creep (ε t˙ ·min r, where tr is the rupture time) and tertiary creep strain, ε3,
values were calculated (Fig. 2(c)) using the technique described in lit-
erature [12,44,45]. Under transient creep, the decrease in the creep rate
with time is characterized by the rate of exhaustion of transient creep,
i.e., ′r = 1.94·10−4 h−1, as evaluated using the following relationship,
which was proposed by Garofalo [44,45]:

= + − − ′ + ⋅ε ε ε r t ε t[1 exp( · )] ˙ ,0 T s (1)

where ε is the strain, ε0 is the instantaneous strain on loading, εṡ is the
steady-state creep rate, which can be replaced by the εṁin value [45],
and t is the time. ′r was evaluated graphically as the slope of the plot of

− Δ εln(1 / )T vs. time, where Δ is the transient creep component
( = − −Δ ε ε ε t˙ ·0 min r) [45]. The creep rate decreases by a factor of∼104

under transient creep. Reducing the applied stress from 140 to 120 MPa
decreases the magnitude of the strain rate drop by a factor of ∼25 from
the refined value at 140 MPa ( ′r =5·10−3 h−1 [12]) and the εT value
from 2.2% to 1.58% (Fig. 2(c), Table 2). On the other hand, the de-
crease in the creep rate with strain at the transient stage is character-
ized by a d ε dεln /̇ of ∼−576, which is consistent with ε A bε~̇ exp( ) [9].
The absolute value of this parameter is ∼4 times higher than that at
140 MPa [12]. Therefore, reducing the applied stress from 140 to
120 MPa strongly promotes the reaction-rate kinetics during transient
creep [45].

At 120 MPa, the 10% Cr steel exhibits a minimum creep rate, εṁin ,
instead of steady state that is typical for martensitic steels [1]. The
minimum creep rate is attained at a strain of 2.5% instead of 3.5% and

is ~1.15·10−7 h−1, which is approximately two orders of magnitude
lower than that at 140 MPa [12]. Nevertheless, the apparent region of
steady-state creep, i.e., εṁin · tr [46] (Fig. 2(c)), is nearly the same
(2.52%) as that at 140 MPa (3.14%) as the duration is ~25 times longer
[12].

Two stages of tertiary creep [11] could be distinguished in the slope
of the creep curve (Fig. 2(c)). In the first stage, which involves low
acceleration of the creep rate, d ε dεln /̇ (∼139) is approximately 1.5
times higher than that at 140 MPa [12]. During the second stage, which
comprises rapid acceleration of the creep rate, the d ε dεln /̇ value is

Fig. 1. Microstructure of the 10% Cr steel after heat
treatment: (a) the KAM map (a) and SEM micrograph
(b).

Fig. 2. Time to rupture vs stress curve (a) and creep rate vs time (b) and strain (c) curves
at 120 MPa (b) of the 10% Cr steel at 650 °C. Data for P92 steel is taken for comparison
from [12].
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∼354. The extent of the tertiary creep stage is 5.2%, which is half that
at 140 MPa [12] (Table 2). The elongation-to-failure under creep de-
creases from ∼16% to ∼9% upon decreasing the applied stress from
140 [12] to 120 MPa. The rate of acceleration of tertiary creep with
time, p, was evaluated as follows [46]:

= + − − ′⋅ + ⋅ + −ε ε ε r t ε t ε p t t[1 exp( )] ˙ exp[ ( )],0 T s 3 r (2)

where ε3 is the tertiary creep strain; this value was obtained graphically
from the slope of the plot of Δ εln( / )3 vs. (t−tt), where Δ is the tertiary
creep component ( = − − −Δ ε ε ε ε t˙ ·0 T min r) and tt is the time to onset of
the tertiary stage (1.5·10−4 h−1) (Table 2). The p value at 120 MPa is
significantly lower than that at 140 MPa [12]. Therefore, at 120 MPa,
the recovery processes occur at low rates under tertiary creep, and the
high d ε dεln /̇ values are indicative of the relatively complete recovery
related to decreased strain. Thus, analysis of the creep curves showed
that the transition from 140 to 120 MPa strongly promotes the kinetic
process under transient and tertiary creep.

3.3. Microhardness

Fig. 3(a) shows the change in the microhardness of tested specimens
in the grip and gauge sections. Long-term aging and long-term creep
result in the 5% and 14% decrease in microhardness, respectively.

Transient creep led to a 9% decrease in the microhardness and further
apparent steady-state provides a 4% additional decrease despite the fact
that time durations for transition and steady-state creep are nearly the
same. Decrease in microhardness under tertiary creep is insignificant.

3.4. TMLS during long-term aging and creep

The microstructural evolution of 10% Cr steel was examined using
creep-interrupted specimens A, B, and C (Fig. 2(b) and (c)), which re-
present the onset of apparent steady-state creep before attaining the
minimum creep rate (∼103 h), offset creep rate (∼104 h), and second
stage of tertiary creep (28286 h), respectively, as well as after rupture
(39437 h) under long-term aging in grip sections and long-term creep in
gauge sections. During long-term aging at 650 °C, the changes in the
lath thickness and dislocation density are insignificant up to 104 h;
however, a 49% increase in lath thickness and approximately 3-fold
decrease in lattice dislocation density occurs after 28286 h (Fig. 4(a)
and (b), Fig. 5(a) and (b), Table 1). Further aging for 39437 h leads to
insignificant changes in the structural parameters (Fig. 4(c)–(e),
Table 1) with complete retainment of the TMLS. Neither the destruction
of “Bain” circles [12,47] nor a decrease in the mean KAM value
(~0.68°) were evident (Fig. 4(e) and (f)). Therefore, the results of long-
term aging under applied stresses of 140 (1426 h) and 120 MPa
(∼4·104 h) are distinguished by static lath coarsening. Increasing the
aging duration by a factor of ∼28 leads to a significant decrease in the
lattice dislocation density. Long-term aging did not affect the ratio of
low-misoriented coarse laths and highly misoriented blocks. The pro-
portion of LABs with misorientations ≤4° increased by a factor of ∼1.5
after 2.8·102 [12] and ∼104 h of aging (Fig. 4(e)).

Under creep conditions at 650 °C, the lath structure was also re-
tained until rupture (Fig. 6). “Bain” circles on the {001} pole figures are
partially destroyed during tertiary creep, which provides evidence for
slight re-orientation of the crystal lattice under creep [46]. No evidence
of the formation of equiaxed subgrains [11,41] was found. A tendency
for increasing the LAB fraction with a misorientation of 2° was evident
during the transient and apparent steady-state stages of creep (Fig. 6(a)
and (c)); in contrast, the fraction of LABs with a misorientation of ∼6°
increased during the tertiary creep stage (Fig. 6(e) and (g)). The density
of LABs continuously decreased under creep loading (Fig. 7(a)), which
was attributed to lath coarsening and significantly facilitated by creep
(Fig. 5(a)). As a result, strain results in a greater decrease in lattice
dislocation density than long-term aging (Fig. 5(b)).

After transient creep, the lath thickness is almost the same in the
gauge and grip sections, whereas the dislocation density in the gauge
sections is ∼2 times lower than that in the grip sections (Table 1,
Figs. 5(a) and (b), 8(a)); these results are similar to those for a P92 steel
[13]. The knitting reaction is attributed to trapping of the lattice dis-
locations by lath boundaries followed by partial destruction of the ex-
trinsic and intrinsic dislocations with opposite signs because the
average misorientation of the lath boundaries and their density remain
almost unchanged [13]. The high d ε dεln /̇ value of ~−576 (Fig. 2(c))
was attributed to the fast disappearance of mobile lattice dislocations
[13]. The ratio of low-misoriented coarse lath and highly misoriented
blocks with strain localization remained the same within the PAGs
(Fig. 7(b)). However, no strain localization was found in the vicinity of
some boundaries of the PAGs (Fig. 6(b)). Therefore, the significant re-
lief of the internal stress under transient creep [13] was attributed to
elimination of strain localization near the PAG boundaries. After

Table 2
Parameters of creep behavior of the 10% Cr steel during creep testing at 650 °C under a stress of 120 MPa in comparison with data at 140 MPa [12].

Applied stress, MPa εṁin , h−1 tr, h εmin , % εT, % εṁin ·tr, % ε3, % r’, h−1 p, h−1

120 1.15·10−7 39437 2.51 1.58 2.52 5.2 0.000194 0.000151
140 1.4·10−5 1426 3.5 2.19 3.14 10.55 0.005 0.01

Fig. 3. (a) Change in microhardness during creep testing at 650 °C under a stress of
120 MPa in the grip and gauge portions of the 10% Cr steel. (b) Change in the W and Mo
contents in the solid solution of the 10% Cr steel in the gauge portion of the specimens
after creep tests at 650 °C under a stress of 120 MPa estimated from foils by EDX with
TEM.
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Fig. 4. Microstructure of the 10% Cr steel after long-
term aging (in the grip portions of the specimens
after creep tests at 650 °C under a stress of 120 MPa)
for: (a) 10000 h, TEM micrograph; (b) 28286 h, TEM
micrograph; (c) 39437 h, TEM micrograph; (d)
39437 h, SEM micrograph; (e) 39437 h, OIM image
with {001} pole figure and distribution of LAB mis-
orientation (F – fraction, (%), MA – misorientation
angle, (degree)); (f) 39437 h, kernel average mis-
orientation map.

Fig. 5. Changes in the lath width (a), dislocation
density (b) and in the mean size of precipitates (c, d)
with time in the gauge and grip sections of the 10%
Cr steel specimens during creep testing at 650 °C
under a stress of 120 MPa estimated by TEM.
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Fig. 6. OIM images with {001} pole figures and distributions of LAB misorientation (a, c,e,g) and the KAM maps (b, d,f,h) in the 10% Cr steel in the gauge section of specimens after creep
testing at 650 °C under a stress of 120 MPa: (a, b) specimen A (1000 h); (c, d) specimen B (10000 h); (e, f) specimen C (28286 h); (g, h) ruptured specimen (39437 h).
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transient creep, the highly misoriented areas alternate with areas of
uniform orientation along these boundaries.

The ratios of the lath thickness and dislocation density in the gauge
and grip sections remained nearly the same under steady-state creep
(Table 1. Fig. 5(a) and (b)). Lath coarsening is the main driver of mi-
crostructural evolution leading to the gradual decrease in the density of
LABs (Fig. 7(a)). The number of low-misoriented coarse laths increases
and continuous areas with no strain localization appear along the PAG
boundaries (Fig. 6(d)). Some of the lath boundaries become thinner and
exhibit extinction contours (Fig. 8(b)). New lattice dislocations result
from the knitting out of lath boundaries [13]. This process is associated
with rearrangement of intrinsic dislocations in lath boundaries that
leads to the disappearance of some LABs. The knitting reactions do not
significantly affect the dislocation density because the rates of emission
and elimination of lattice dislocations with the same signs are nearly
equivalent [13].

Remarkable strain-induced lath coarsening appears during the first
stage of tertiary creep. This process was attributed to the transforma-
tion of some interlath boundaries to subgrain boundaries (Figs. 5(a) and
8(c), Table 1). It is worth noting that evidence for the occurrence of this
process was found during long-term aging (Fig. 4(c) and (d)): Low-
misoriented blocks appeared within the PAGs (Fig. 6(f)) because of the
knitting reactions. The increasing lath thickness facilitates dislocation

glide, thereby generating a high d ε dεln /̇ value of ~139 [13]. Gliding
dislocations are effectively pinned by matrix carbonitrides, and the
decrease in the lattice dislocation density is insignificant. During the
secondary stage of tertiary creep, the strain-induced lath coarsening
accelerates (Figs. 5(a) and 6(g) and (h), Table 1), which leads to a
decrease in the lattice dislocation density to a typical value for long-
term creep [11,13,21,22]. A significant portion of the LABs with mis-
orientations< 4° disappear. Low-misoriented coarse laths containing
no LABs become dominant, which leads to a remarkable decrease in the
KAM average value (Fig. 7(b)). Therefore, at this stage, the density of
geometrically necessary dislocations and overall dislocation density
concurrently decrease. Retention of the lath structure was attributed to
boundary M23C6 carbides and Laves phase particles, which effectively
pin the interlath boundaries (Fig. 8(d)). Detachment of the interlath
boundaries from the chains of boundary particles was rarely observed
and only in the ruptured specimen.

3.5. Precipitate structure

W and Mo are depleted from the solid solution during long-term
aging and creep (Fig. 3(b)); this depletion is accelerated by strain [21].
The majority of the thermodynamic non-equilibrium content of W and a
minor portion of the Mo in ferrite are depleted under transient creep.

Fig. 7. Change in density of LABs (a) estimated on
OIM images, and kernel average misorientation (b).

Fig. 8. TEM micrographs of the 10% Cr steel in the
gauge section of specimens after creep tests at 650 °C
under a stress of 120 MPa: (a) specimen A (1000 h);
(b) specimen B (10000 h); (c) specimen C (28286 h);
(d) ruptured specimen (39437 h).
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Under steady-state creep, this depletion occurs at a low rate for both
solutes. Under tertiary creep, the thermodynamic equilibrium content
of Mo is attained while the content of W in the solid solution exceeds
the thermodynamic equilibrium value even after ∼4·104 h.

During long-term aging (τ ≤ 103 h), the evolution of a dispersion of
secondary-phase particles reported in previous work [12] and observed
in the present study (Fig. 4, Table 1) is nearly the same. A distinct
difference occurs in the precipitation of V-rich M(C,N) carbonitrides
and the larger dimensions of the Laves phase particles at τ ≥ 104 h. The
high-angle boundaries of the PAGs, packets, and blocks and low-angle
interlath boundaries are decorated by fine and densely located M23C6

carbides and Laves phase particles (Fig. 4)). W-rich Laves phase parti-
cles are evident as bright white particles in the SEM images obtained
using the Z-contrast technique [48]; in contrast, the M23C6 carbides
appear as grey particles. The volume fraction of M23C6 carbides tends to
slightly increase with increasing time up to 104 h. Static coarsening
provides a 24% increase in their dimensions after ∼4·104 h. However,
there is no evidence of dissolution of these carbides along the interlath
boundaries accompanied by extensive coarsening of M23C6 carbides
located at the HABs. These particles generate the chains along the in-
terlath boundaries (Fig. 4(c)).

The majority of the Laves phase particles precipitate during the
103 h of long-term aging; this is accompanied by dissolution of M6C
carbide, which is a transition phase [34]. Further aging leads to an

insignificant increase in the volume fraction of this phase. The onset of
extensive coarsening of the Laves phase occurs after 104 h (Figs. 5(c)
and 9(f)). However, in contrast with steels containing 0.1 wt% C and
0.05 wt% N [11,19,21,47,48], these particles are located at both HABs
and lath boundaries (Fig. 4d), as seen in a 9% Cr steel with low C
content [49]. Insignificant coarsening of the Nb-rich M(C,N) carboni-
trides occurs (Fig. 5(d)). The main feature of the 10% Cr steel is pre-
cipitation of V-rich carbonitrides during long-term aging (> 103 h). It is
known that this type of carbonitride is enriched by N [11,19,21–23,38].
However, the amount of nitrogen is negligible in the present steel;
therefore, the V-rich carbonitride could only be enriched by C. Pre-
cipitation of such carbonitrides requires long-term aging (≥104 h), and
they are susceptible to extensive coarsening upon further aging. This is
not typical for M(C,N) carbonitrides in other 9–11% Cr steels
[11,19,21–23,48,50,51]. No evidence for the formation of Z-phase
[16–18] was found.

Under transient creep, no strain-induced precipitation or particle
coarsening was evident (Table 1, Figs. 8(a), 9(a), 10(a)). Chains of
M23C6 carbides and Laves phase particles appear along the majority of
interlath boundaries. The precipitation structures in the grip and gauge
length are almost the same. Steady-state creep strongly accelerates the
precipitation and growth of V-rich M(C,N) carbonitrides within the
ferritic matrix (Table 1, Fig. 10(b)). The dimensions of these dispersoids
in the gauge length after termination of the steady-state stage and in the

Fig. 9. SEM micrographs of the 10% Cr steel in the
gauge section of specimens after creep tests at 650 °C
under a stress of 120 MPa: (a) specimen A (1000 h);
(b) specimen B (10000 h); (c) specimen C (28286 h);
(d) ruptured specimen (39437 h). Change in the
particle density at (sub)grain boundaries (e) and the
mean size of precipitates (f) with time estimated by
SEM. Densities of M23C6 and Laves phase particles at
(sub)grain boundaries were calculated by technique
from [19].
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grip section after ∼4·104 h of long-term aging are nearly equivalent
(Table 1). Therefore, creep accelerates the precipitation and coarsening
of V-rich M(C,N) carbonitrides by a factor of ∼4. Rough estimation of
the fraction of V-rich particles on replicas by TEM showed that steady-
state creep leads to an approximate 10-fold increase relative to that
after transient creep (Fig. 10(e)). Further creep insignificantly affects
their volume fraction and dimensions (Fig. 10(e), Table 1).

Strain-induced growth of Laves phase particles was evident
(Table 1, Figs. 5(c), 8(b) and 9(b)). It is worth noting that coarsening of
the Laves phase particles was not accompanied by dissolution of the
precipitates that were located at the interlath boundaries. Coarse Laves
phase particles were observed at both the interlath and PAG bound-
aries. Moreover, new Laves phase particles with an average size of
∼170 nm precipitate on the interlath boundaries during steady-state
creep. This process also occurs during tertiary creep, which increases
the volume fraction of Laves phase particles with strain.

Distinct strain-induced coarsening of M23C6 carbides occurs under
tertiary creep (Table 1, Figs. 8(c) and (d), 9(c) and (d), 10(d)). After the
first stage of tertiary creep, chains of fine M23C6 carbides and coarse
Laves phase particles remain at the majority of the interlath boundaries;
after the secondary stage of tertiary creep, these chains are only ob-
served at some of the interlath boundaries. It is worth noting that these
M23C6 carbides exhibit superior coarsening resistance during creep than
other 9–11% Cr steels containing 0.1 wt% C and 0.05 wt% N
[11,19,21–23,35,50]. The mean size of the carbides increases by only

70% after ∼4·104 h of creep. Both long-term aging and creep affect the
chemical composition of the M23C6 carbides: the Cr content increases
from ∼67 to ∼78 at% and the Fe content decreases from ∼28 to
∼17 at%. The contents of the other elements (V and Mo) remain es-
sentially unchanged. No enrichment of the M23C6 carbides by V [51]
was evident even after ∼4·104 h of aging and creep.

The formation of several Z-phase particles (CrVN) with a mean size
of 120 nm was evident in the ruptured specimen (Fig. 10(d)). As only V-
rich M(C,N) precipitates were observed in the grip portion of this spe-
cimen (Fig. 10(c)), this transformation is strain-induced. Z-phase par-
ticles are more enriched by Cr (up to 40–50 at%) in the metallic matrix
than V-rich M(C,N) particles, which is in agreement with the identifi-
cation criterion for the Z-phase [17,18]. However, the strain-induced
formation of a Z-phase could not affect the creep strength of the 10% Cr
steel because of the negligible number and small sizes of the Z-phase
particles. In general, a dispersion of M(C,N) remains after ∼4·104 h of
creep. Moreover, the volume fraction of these carbonitrides sig-
nificantly increases because of the additional precipitation of V-rich
dispersoids. During creep, the number of Nb-rich M(C,N) carbonitrides
enriched by Ti (4–7% at.) tends to increase with strain.

Fig. 10. TEM micrographs of the 10% Cr steel show
precipitates after creep tests at 650 °C under a stress
of 120 MPa: a) specimen A (1000 h), gauge portion;
(b) specimen B (10000 h), gauge portion; (c) rup-
tured specimen (39437 h), grip portion; and (d)
ruptured specimen (39437 h), gauge portion. Change
in the fraction of V-rich M(C,N) particles estimated
on replicas by TEM with time in the gauge portion
(e).
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4. Discussion

4.1. Correlation between creep behavior and microstructural changes

The main characteristic of microstructural evolution in the present
steel during long-term creep at 650 °C and 120 MPa is the retention of
the lath structure up to rupture. An increase in the lath thickness and a
decrease in the dislocation density occurred gradually in the transient
and apparent steady-state stages (Fig. 5(a,b)). In contrast, drastic
changes in the lath structure occurred in the tertiary creep that were
caused by the coarsening of Laves phase particles (Figs. 5(a–c), 9(f))
and corresponding depletion of the solid solution by substitutional
elements of W and Mo (Fig. 3). Nevertheless, TMLS did not transform
into the subgrain structure. Moreover, the gradual evolution of TMLS
during the transient and steady-state creep was not accompanied by a
remarkable release of internal stresses. The KAM distribution in Fig. 6
suggests that large lattice distortions remained in the specimen until the
second stage of tertiary creep. It is obvious that the 10% Cr steel with
low N and high B content exhibits specific precipitation behavior during
long-term creep, which suppresses or shifts the creep strength break-
down to higher rupture times.

In the previous study [12], the analysis of short-term creep behavior
(with creep rupture time of 1426 h) of the 10%Cr steel under an applied
stress of 140 MPa showed that no significant changes occurred in TMLS
under creep conditions up to rupture. So, an increase in the creep rate
in the tertiary stage and the creep fracture occurred due to a con-
tribution of factors determined by a high level of applied stress such as
necking, cavitation, and localization of deformation near the PAG
boundaries [9]. The value of parameter d ε dεln /̇ <100 in the tertiary
stage (Fig. 2(c)) confirms this finding [9,12]. According to Abe [9], the
parameter d ε dεln /̇ above 100 in the tertiary stage is indicative of the
contribution of microstructure in the creep resistance. Therefore, the
long-term creep resistance of the 10%Cr steel is affected by the mi-
crostructural factors, in contrast to short-term creep behavior [12].

The transient stage was characterized by the absolute value of
d ε dεln /̇ (∼576) (Fig. 2(c)), which was ∼4 times higher than that at
140 MPa (∼145) [12]; this was attributed to an increase in the dε ̇ value
by a factor of ∼100. Therefore, the transition from short- to long-term
conditions results in a decreased εṁin value. It is obvious that this is the
main reason for the lack of creep strength breakdown. The dramatic
decrease in the εṁin value upon decreasing the applied stress from 140
to 120 MPa was a surprising result (Table 2), because this value at
120 MPa was about an order of magnitude lower as compared to that
for 3%Co-modified P92 steel [11], whereas at 140 MPa both steels
demonstrated nearly the same minimum creep rate [11,12].

Also, the rate of acceleration of the tertiary creep, p, was approxi-
mately 2 orders of magnitude lower than that during short-term creep
at 140 MPa (Table 2). This is an evidence for significant slow down
recovery processes in the tertiary creep. Therefore, creep resistance is
strongly affected by the tertiary creep behavior and, especially, at the
first stage of tertiary creep.

So, the high stability of the lath structure and precipitates in the
steady-state stage and the first stage of tertiary creep plays a vital role
in the long-term creep resistance of the 10%Cr steel.

Under creep conditions, the TMLS could be stabilized by three
factors: (i) substitutional alloying element within the ferritic matrix; (ii)
a dispersion of fine boundary M23C6 carbides and Laves phase particles;
(iii) a dispersion of M(C,N) carbonitrides, which are homogeneously
distributed in the ferritic matrix. The boundary particles exert a large
Zener drag force which effectively hinders migration of low- and high-
angle boundaries [11]. M(C,N) carbonitrides located in ferritic matrix
and such substitutional solutes as W and Mo hinder the rearrangement
of lattice dislocations that suppresses the knitting reaction between
lattice dislocations and lath boundaries. The last prevents the trans-
formation of lath boundaries, which are in fact irregular dislocation
arrays, to subboundaries.

Let us consider effect of these strengthening factors on the long-term
creep behavior of the 10%Cr steel.

4.2. Solid solution strengthening

The gradual depletion of W and Mo from the solid solution corre-
lated with the microhardness decrease in the grip section of the creep
tested specimens (Fig. 3), i.e. the solid- solution strengthening con-
tinuously decreased with time due to the W and Mo depletion and
formation of Laves phase. Due to the fact that the microhardness de-
crease was more pronounced in the gauge section of specimen than in
grip one, it was associated not only with the solid-solution softening but
also with the strain-induced softening due to the changes in TMLS such
as the martensite lath widening and decrease in the lattice dislocation
density.

The depletion of W from the solid solution obviously provoked the
acceleration of the knitting reaction, which in turn, resulted in the
significant changes in TMLS. Thus, the depletion of W from the solid
solution in the tertiary creep stage correlated with the acceleration of
the lath widening and decrease in the dislocation density and accel-
eration of the coarsening of Laves phase particles and M23C6 carbides.
Although the W and Mo depletion and corresponding solid-solution
softening occurred during creep, the lath structure did not transform
into a subgrain structure. It can be concluded that the absence of this
agent associated with the W and Mo alloying elements within the fer-
ritic matrix cannot provoke the degradation of TMLS and creep re-
sistance of the 10%Cr steel. Nevertheless, the depletion of the solid
solution can cause the transition from the first to second stage in ter-
tiary creep.

4.3. Dispersion of boundary M23C6 carbides and Laves phase particles

Although the depletion of W from the solid solution in the tertiary
creep stage correlated with an acceleration of coarsening of both Laves
phase particles and M23C6 carbides, only the Laves phase particle
coarsening could be considered as a reason for TMLS changes, because
the dimensions of M23C6 carbides remained on the nanoscale level
(mean size was 120 nm) (Fig. 5(c)) and they were densely distributed
along the boundaries up to rupture (Fig. 8).

Simulation of the coarsening kinetics of the M23C6 and Laves phase
particles at 650 °C for model compositions of the 10% Cr steel
(Fig. 11(a)) revealed that the experimental coarsening rate of the M23C6

particles matches that of the theoretical calculations based on an in-
terfacial energy of 0.01 J/m2. This value is a 10-fold lower than that
estimated for the short-term (up to 2000 h) creep [12].

It is worth noting that the coarsening kinetics of M23C6 carbides in a
9 wt% Cr – 2 wt% W – 3 wt% Co steel are best described by theoretical
calculations based on an interfacial energy of 0.36 J/m2 [35]. There-
fore, the main difference between high Cr steel with 0.1 wt% C and
0.05 wt% N and high B steel is the coherency of the interfaces of these
carbides. Coherent or semi-coherent interfaces of M23C6 particles with a
lowest misfit value [(011)α||(111)M23C6] of 1.1% are associated with
either the Kurdjumov-Sachs (KS) [52] orientation relationship,

( )(011) ||(111) [111] ||[011] ,α M C α M C23 6 23 6 (3)

or the Nishiyama-Wasserman (NW) orientation relationship [52,53],

( )(011) ||(111) [100] ||[011] .α M C α M C23 6 23 6 (4)

However, the NW orientation relationship provides a high misfit
value [(100)α||(110)M23C6] of 12.4% [52]. Three other orientation re-
lationships, which were experimentally found in a 10% Cr steel with
0.1 wt% C and 0.05 wt% N, provide higher misfit values [54]. The KS
orientation relationship of the M23C6 carbides in the present 10% Cr
steel is retained under short-term creep conditions until rupture [12].
Fig. 12 shows that the M23C6 carbides located on the interlath
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boundaries also exhibit the KS orientation relationship after rupture.
Therefore, these carbides retain the coherency of their interfaces under
long-term creep despite the rupture time increasing from ∼1.5·103 to
∼4·104 h. Strain may lead to the loss of coherency or a transition from
coherent to semi-coherent interfaces that is accompanied by a sig-
nificant increase in the energy of the interfaces and, therefore, highly
accelerated Ostwald ripening [35,36]. However, the majority of the
M23C6 particles retain the coherency of their interfaces. As a result,
chains of these carbides on the interlath boundaries are also retained
during long-term creep, thereby preventing the formation of a distinct
subgrain structure.

Coarsening of the Laves phase particles occurs at a high rate. The
coarsening behavior of these particles can be described by theoretical
calculations based on an interfacial energy of 0.66 J/m2 up to 104 h and
0.69 J/m2 from 104 to 4·104 h (Fig. 11(b)). It is worth noting that these
values are approximately the same as that estimated for short-term
creep [12]. The difference in the interfacial energies at apparent steady-

state and tertiary creep was attributed to the Ostwald ripening of the
Laves phase particles during tertiary creep [35,36].

4.4. Dispersion of homogeneously distributed M(C,N) carbonitrides

During the transient creep stage, M(C,N) carbonitrides were pre-
sented mainly by Nb-rich carbonitrides, whereas scarce V-rich M(C,N)
particles, precipitated during tempering, were not revealed after 1000 h
of creep and aging conditions (Figs. 5(d), 10), that was correlated with
the same observation after short-term creep at 140 MPa [12]. Nb-rich
carbonitrides were highly stable up to rupture. Probably, enrichment of
Nb-rich M(C,N) particles by Ti (Fig. 10(d)), that started to occur at the
transient stage, additionally increased their coarsening resistance.

The minimum creep rate stage was accompanied by the precipita-
tion of V-rich M(C,N) carbonitrides, which along with Nb-rich carbo-
nitrides effectively pinned the lattice dislocations in the lath interiors.
TEM observations revealed numerous dislocations arrested by fine
particles in the lath interiors after 10000 h of creep. The precipitation of
V-rich M(C,N) particles is in agreement with Thermo-Calc calculations
that predict their several times higher equilibrium fraction at 650 °C
than that at 770 °C, corresponding to tempering temperature. As the
TEM analysis showed lattice dislocations attached to almost all the
carbonitrides, we can presume that V-rich M(C,N) carbonitrides pre-
cipitate onto dislocations to render them immobile. It is well-known
that Nb-rich M(C,N) particles enriched with C precipitate on disloca-
tions while V-rich M(C,N) particles enriched with N precipitate homo-
geneously during tempering [37,38,40]. Accordingly, precipitation of
V-rich M(C,N) carbonitrides onto dislocations can be attributed to their
enrichment with C. These particles precipitate very slowly. It is ap-
parent that the negligible amount of V-rich M(C,N) carbonitrides that
precipitate during tempering in low N 9–10% Cr steels [34,38] were
enriched with N as their shapes and dimensions are different from those
that precipitate during long-term aging or creep. It is known [1,2] that a
dispersion of M(C,N) carbonitrides plays a key role in the superior creep
resistance of new generation 9–11% Cr steels. The low volume fraction
of V-rich M(C,N) carbonitrides that precipitate during tempering does
not impart any advantages to high B and low N 10% Cr steel relative to
steels with the same contents of substitutional solutes under short-term
creep conditions [11,12,21–23,27,28,54]. In contrast, under long-term
creep, additionally precipitated V-rich M(C,N) carbonitrides effectively
impede gliding dislocations.

During the second stage of tertiary creep (between 28286 and
39347 h), a part of V-rich M(C,N) particles started to transform into Z-
phase. However, the Z-phase did not degrade the creep strength re-
markably because of quite small size of the Z-phase particles that were
almost the same as preceding M(C,N) particles.

4.5. Evolution of pinning pressures during creep

Analysis of the pinning of (sub)grain/interlath boundaries by var-
ious secondary-phase particles allows us to estimate the role of different
precipitates in the stabilization of the TMLS under creep conditions.
The pinning pressures exerted by different precipitates on the grain/
subgrain boundaries were estimated using a technique described in
[11,12,19,21–23]. Homogeneously distributed M(C,N) carbonitrides
exert Zener pinning pressure on a boundary, which can be estimated as
follows [11,19,21–23,26]:

=P
γF
d

3
Z

V
(5)

where γ is the boundary surface energy per unit area, and Fv and d are
the volume fraction and size of dispersed particles, respectively. The
pinning pressure exerted by boundary particles depends on the ratio of
dimensions between these particles and subgrains/laths
[11,19,21,23,55], and can be evaluated as follows:

Fig. 11. Calculated and experimental results on coarsening of M23C6 (a) and Laves phase
(b) particles at 650 °C in the 10%Cr steel. Lines indicate the calculated temporal de-
pendence of size of particles in the model composition (0.1C-10Cr-3.1Co-0.7Mo-2.0W-
Fe). Symbols indicate the experimental results on the mean size of particles during creep
testing at 650 °C under a stress of 120 MPa.

Fig. 12. Microstructure and SAD patterns from the M23C6 carbide and ferritic matrix of
the 10% Cr steel creep ruptured at 650 °C under a stress of 120 MPa.
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=P
γF D

dB
vB

2 (6)

where FνB is the volume fraction of the particles located at the bound-
aries, and D is the size of structural elements, i.e. the subgrain size or
lath thickness. Technique for calculation of FνB value was reported in
[11,12,19,22]. The densities of boundary M23C6 and Laves phase par-
ticles were calculated under the assumption that all M23C6 and Laves
phase particles located at interlath and (sub)grain boundaries
(Fig. 9(e)).

Fig. 13 shows the effect of creep on the pinning pressures. It is clear
that the pinning pressure exerted from the boundary M23C6 carbides is
extremely high and the Zener drag exerted by the M(C,N) carbonitrides
is negligible because of the low fraction of M(C,N) carbonitrides. The
Laves phase particles precipitate during transient creep and exert a
pinning pressure that is smaller by a factor ranging from 3 to 8 than that
exerted by M23C6 carbides. At the onset of apparent steady-state creep,
the pinning pressure exerted by M23C6 carbides remains almost un-
changed (approximately 0.25 MPa) while that exerted by the Laves
phase particles tends to decrease with strain. Under tertiary creep, the
pinning pressure from the M23C6 carbides decreases significantly. The
total pinning pressure exerted by both the M23C6 carbides and Laves
phase particles drops below the critical value of 0.12 MPa [11] after
termination of the first stage of tertiary creep. As was shown previously
[11], the transformation of the TMLS to a subgrain structure occurs if
the Zener drag force is less than the critical value that leads to creep
strength breakdown. In the 10% Cr steel, this drop accelerates the ki-
netics process during tertiary creep. However, the Zener drag force
exerted by the M23C6 particles remains high (≥0.08 MPa). In addition,
discontinuous chains of M23C6 carbides were observed at the interlath
boundaries because the coarsening process does not lead to dissolution
of these precipitates. As a result, only some of the interlath boundaries
can detach from these chains. The decrease of the Zener drag force
below the critical value leads to a transition from slow acceleration
during the first stage to rapid acceleration during the second stage of
tertiary creep because of accelerated lath coarsening and decreased
lattice dislocation density. However, a well-defined subgrain structure
does not form until rupture and no creep strength breakdown appears.

Thus, M23C6 carbides are the most effective pinning agent in 10% Cr
steel with high B and low N contents. Under transient and steady-state
creep, these particles impede the knitting reaction by pinning disloca-
tions, and, under tertiary creep, they hinder lath coarsening, which
prevents the transformation of the TMLS to equiaxed grains.

4.6. Reasons for superior creep resistance

The Σ(W+Mo) content reaching the thermodynamic equilibrium
content in the ferritic matrix during the tertiary creep stage correlates
with the onset of strain-induced coarsening of both types of boundary

particles (M23C6 carbides and Laves phase particles), which is a char-
acteristic feature of long-term creep [11,21]. However, the rate of the
kinetic reaction during the first stage of tertiary creep is low, which was
attributed to the high coarsening resistance of interlath M23C6-type
carbides and M(C,N) carbonitrides located in the ferritic matrix. The
knitting reaction occurs at a high rate if all three agents partially or
completely lose their ability to pin gliding dislocations. In 10% Cr steel,
the boundary M23C6 particles and M(C,N) carbonitrides hinder the
knitting reaction until rupture. The knitting reaction is complete upon
the onset of the secondary stage of tertiary creep, which is character-
ized by accelerated lath coarsening and a high proportion of strain-free
areas within the PAGs (Fig. 6(h)).

V-rich M(C,N) carbonitrides that nucleate on dislocations effectively
impede gliding dislocations, which compensates for the coarsening of
the boundary particles and depletion of W and Mo solutes from the
ferritic matrix. Therefore, the depletion of W atoms, which are effective
point-like obstacles to the motion of dislocations and highly decrease
diffusivity, is not necessary for the appearance of creep strength
breakdown in the 10% Cr steel with high B and low N; this is in contrast
to the behavior of 9% Cr steel [11]. The dispersion of nanoscale
boundary M23C6 carbides and Laves phase particles and increased vo-
lume fraction of M(C,N) carbonitrides suppresses the knitting reaction
even at low solid-solution contents of W. The internal stress field is only
relieved in the vicinity of the PAG boundaries. It is evident that su-
perposition of these three factors significantly decreases the rate of the
knitting reaction. Although it is impossible to completely suppress the
knitting reaction, bringing the applied stress close to the threshold
stress value and introducing effective pinning agents in the ferritic
matrix and on the interlath boundaries impedes this kinetic reaction.
The remarkable transformation of the lath boundaries, which are ac-
tually irregular dislocation arrays, to subboundaries occurs only during
tertiary creep after a duration ≥104 h because of the low rate of the
knitting reaction; this is provided by the formation of continuous chains
of boundary particles at the interlath boundaries during transient creep
and precipitation of V-rich non-shearable carbonitrides during steady-
state creep. As a result, the creep strength of these 9–10% Cr steels
increases leading to the creep rupture time at 650 °C being ~10 times
larger than that of high Cr steels with 0.1 wt% C and 0.05 wt% N
[5,6,11,12,21–23,27,28,31,32,54]. The later ones exhibit similar level
of the creep rupture time at remarkably lower temperature of 600 °C.

5. Conclusions

The creep behavior and evolution of lath structure and precipitates
during at 650 °C under an applied stress of 120 MPa for the 10% Cr steel
with 3% Co, 0.008% B, and 0.003% N were studied and the following
conclusions can be drawn:

1. The steel demonstrates superior creep resistance with a time-to-
rupture of 39 437 h and a minimum creep rate of 1.15·10−7 h−1.
The steel exhibits two-stage tertiary creep behavior. The transition
from the first stage of the slow acceleration of the creep rate with a
d ε dεln /̇ value of ~139 to the second stage of rapid acceleration of
the creep rate with a d ε dεln /̇ value of ~354 occurs at ∼2.8·104 h.

2. The tempered martensite lath structure of the 10% Cr steel remains
stable during long-term creep testing until rupture. The evolution of
the lath structure is nearly the same under a transient, apparent
steady-state, and appropriate long-term aging. Strong strain-induced
lath coarsening appears during tertiary creep. The lattice dislocation
density significantly decreases during transient and tertiary creep.

3. During long-term aging, the Laves phase particles precipitate at the
interlath boundaries and high-angle boundaries of the blocks,
packets, PAGs, and V-rich M(C,N) carbonitrides within the ferritic
matrix followed by their extensive coarsening. The M23C6 carbides
are resistant to static coarsening.

4. During transient creep, the Laves phase particles precipitate in the

Fig. 13. Change in the pinning pressures from different particles on the (sub)grain and
lath boundaries in the gauge section of the 10% Cr steel during creep testing at 650 °C
under a stress of 120 MPa.
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same manner as that during long-term aging. During apparent
steady-state creep, the V-rich M(C,N) carbonitrides precipitate
within the ferritic matrix. Strain-induced coarsening of the M23C6

carbides and Laves phase particles occurs during tertiary creep.
5. Nanoscale M23C6 carbides and M(C,N) carbonitrides can compen-

sate for the negative effects of W depletion from the solid solution
and extensive coarsening of the Laves phase particles; this results in
superior long-term creep resistance.

6. The superior coarsening resistance of the M23C6 carbides is attrib-
uted to the low interfacial energy (0.01 J/m2) of their coherent in-
terfaces. The majority of M23C6 carbides retain their Kurdjumov-
Sachs orientation relationship with the ferritic matrix until rupture.
M23C6 carbides exert high pinning pressure (≥0.08 MPa).

7. Strain-induced formation of Z-phase does not affect the creep
strength under applied stress of 120 MPa due to nanoscale size of Z-
phase particles.
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